Macromolecules 1991, 24, 6283-6294

Molecular Dynamics Simulation of a Glassy Polymer Surface

Kevin F. Mansfield' and Doros N. Theodorou®

6283

Department of Chemical Engineering, University of California, Berkeley, and Center for

Advanced Materials, Lawrence Berkeley Laboratory, Berkeley, California 94720
Received April 26, 1991; Revised Manuscript Recetved July 8, 1991

ABSTRACT: The free surface of glassy atactic polypropylene is studied by molecular dynamics computer
simulation. A model film system exposed to vacuum on both sides is examined at a temperature 22 °C below
the experimental glass transition temperature of the bulk polymer. The vinyl chains are represented as
collections of backbone carbon atoms with united atom pendant methyl groups and explicit hydrogens. Bond
lengths are held fixed, while bond angles are flexible. Simulations have been performed for durations of up
to 400 ps and incorporate density profile dependent long-range contributions to the energy and stress. The
spatial dependence of the short-time dynamical properties of the model film has been determined.
Enhancements in the mean-squared displacement of atoms, in the orientational relaxation of backbone
bonds, and in the rate of torsion angle fluctuations within a conformational state are observed near the free
surface. One must penetrate into the film by approximately 15 A from the extreme edge before observing
a behavior in these dynamical features that resembles that of the bulk glassy polymer. This “dynamical
interfacial thickness” is twice as large as the thickness over which the mass density profile varies. The center
of mass motion of chains located as far as 2-3 times the unperturbed radius of gyration from the edge of the
free surface is enhanced and highly anisotropic. Conformational transitions in the glassy polymer film have
been analyzed. The glass is found to contain many “soft spots”, where transitions occur with rates comparable
to those observed in polymer liquids, as well as “stiff” regions, where the transitions are virtually arrested.
An average rate for conformational isomerization in the polymer has been calculated by constructing a hazard

plot of first passage times.

1. Introduction

Free surfaces of amorphous glassy polymers are en-
countered in a number of important technologies em-
ploying protective polymeric coatings, such as microelec-
tronics. Typically one manipulates the wetting, friction,
and wear characteristics of a surface by the use of different
polymeric materials and/or processing conditions, so as
toachieve acceptable performance for a given application.!
Obtaining detailed microscopic-level information on the
interfacial structure and mobility of a polymer, and
establishing links between this information and overall
thermodynamic and mechanical performance, could greatly
aid in the improvement of existing polymeric coatings and
the development of new ones. The goal of our work is to
obtain such atomic-level information for a given polymer
by statistical mechanics based computer simulation tech-
niques, starting solely from a knowledge of the polymer’s
chemical constitution and interatomic interactions.

We recently reported our findings from a molecular
mechanics (MM) computer simulation study of the glassy
atactic polypropylene/vacuum interface at -40 °C (22 °C
below the experimental glass transition temperature, T,
of the bulk polymer).2 The chains were represented in
atomistic detail as assemblages of backbone carbons,
pendant hydrogens, and pendant methyl groups. Inthat
work, the model glass was viewed as locally fluctuating
around static model microstates, each created by the MM
technique. Each static model microstate was formed by
minimizing the total potential energy of an initial guess
configuration with respect to all microscopic degrees of
freedom in a stagewise fashion. This procedure produced
a collection of static model microstates, each “locked”
within a local minimum of the potential energy in con-
figurationspace.2® Averagestaken overseveral such model
microstates yielded predictions for the local structure at
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the free surface (e.g., density profile, bond orientation
characteristics, torsion angle distribution, overall chain
organization) as well as a theoretical estimate for the
internal energy contribution to surface tension that agreed
well with experiment.

The work reported here addresses the molecular mobility
at a glassy polymer surface. A molecular dynamics (MD)
computer simulation technique#5 has been employed to
study the same glassy atactic polypropylene/vacuum
interface as in our previous work. This technique allows
for examining all dynamical processes with time scales
less than the time duration of the simulation. The work
reported here focuses only on the short-time (<400 ps)
dynamics of a glassy polymer free surface.

MD has been used to study many types of interfacial
geometries such as vapor/liquid,®12 monolayer/solid,!3
and bulk liquid/solid interfaces.!* Particular attention
has been placed recently on studying fluids in confined
geometries of molecular dimensions,1315-18 because of the
relevance to industrial processes using membranes or mi-
croporous solid sorbents. In the past few years, there has
been considerable interest in applying MD to macromo-
lecular fluids.}*% Recently, Sylvester, Yip, and Argon30:31
used MD tostudy the bulk properties of an atomistic model
of atactic polypropylene. Their simulations were per-
formed above and below Ty under conditions of constant
pressure P and temperature T and yielded reasonable
predictions of P-V-T properties, structural features that
were in good agreement with X-ray scattering measure-
ments and previous molecular mechanics simulations,3and
characterizations of the unoccupied volume and its dis-
tribution. The work reported in this paper is the first to
look at the free surface of an amorphous polymer in at-
omistic detail using molecular dynamics, thus providing
new quantitative information on the local structure and
mobility in such a system. To our knowledge, the only
computer simulations performed so far on polymer/
vacuum interfaces are our previous MM? and the Monte
Carlo studies of Madden et al.3233
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Figure 1. Snapshot of an atomistically detailed model mi-
crostate, composed of 12 parent chains of molecular weight 1110.
The microstate is used to represent a thin film of glassy atactic
polypropylene at a temperature of 40 °C. Vacuum is located
at the top and bottom of the unit cell, and periodic boundary
conditions are implemented in the x and y directions. The larger
and smaller spheres correspond to methyls and backbone carbons,
respectively. Pendant hydrogens have been omitted and van
der Waals radii reduced for clarity.

The MD method and microscopic model used to
represent our polymer/vacuum system are presented in
section 2 of this paper. In section 3 we discuss the
simulation strategy employed and its computational
requirements. Next (section 4), simulation results are
presented, followed by a summary and statement of
conclusions drawn from this work (section 5). Finally,
some mathematical details are elaborated in the appen-
dices.

2. Model and Molecular Dynamics Method

The physical system we studied is the surface region of
a thin film of glassy atactic polypropylene at -40 °C. This
film is assumed sufficiently thick so as to contain a region
far from any interfaces that behaves as bulk polymer in
all aspects (structurally, dynamically, and thermodynam-
ically). We model this system in a detailed microscopic
manner, as in our previous MM work.2 Local regions in
the film are envisioned as fluctuating around configura-
tions which constitute local minima of potential energy,
and a realistic distribution of such minima is assumed to
be provided by our MM method. The polymer is modeled
as consisting of three types of interacting sites: backbone
carbons (C), pendant hydrogens (H), and pendant methyl
groups (CHj or R). The chains are viewed as monodis-
perse and linear, of the form RCHR(CH;CHR),-1R. Each
chain has a degree of polymerization of x = 26, corre-
sponding to a molecular weight of 1110, N = 155 interaction
sites, 52 skeletal bonds (including the two C-R bonds at
each chain end), and 154 total bonds. The tacticity is
Bernoullian with a fraction of meso diads wy, = 0.48.2:3:30.31
The rotational isomeric state (RIS) model3438 value at
~40 °C for the radius of gyration of our chains in the un-
perturbed state is (s2)(1/2 = 10.28 £ 0.01 A. A model mi-
crostate, or unit cell, is constructed from N, = 12 parent
chains, placed within an orthorhombic box of dimensions
hi=20A,hy =204, and hs = 61.99 A, as shown in Figure
1. Periodic boundary conditions* are implemented in the
x and y directions, so that the system behaves as if infinite
in these two directions.

The MD approach used here is an extension of the single-
chain work of Sylvester et al. on bulk atactic polypropy-
lene®®3! to a multichain glassy atactic polypropylene/
vacuum system. Nonbonded interatomicinteractions are
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Table I
Lennard-Jones Potential Parameter Values33640
atomorgroup (i) r%A o,bA3 Nyt 0ufA  «i/kpcK
H 1.34 0.42 0.9 2.388 32.00
C 1.84 0.93 5.0 3.279 37.08
CHj; 2.04 1.77 7.0 3.635 62.02

¢ vander Waalsradius. ® Atomic polarizability. ¢ Effective number
of electrons. 9 Lennard-Jones collision diameter. € ¢; is the Lennard-
Jones well depth; kp is the Boltzmann constant.

accounted for between all minimum image pairs of
interacting sites using pairwise additive Lennard-Jones
potentials V;;NB that have been truncated and smoothed
to zero at 2.330;; by a quintic spline.2® A Verlet neighbor
list* with a skin thickness of 0.2¢; was used in all
calculations. Long-range attractions between atom pairs
beyond the truncation distance are accounted for by
integrated potential functions V;tils, which take into
account the actual density profile of the film (see Appendix
A). Bond lengths are held fixed by holonomic constraints
implemented in the manner developed by Edberg, Evans,
and Morriss.?” Bond angles (bonded three-body inter-
actions) are assumed flexible, since it has been shown??
that constraining their values, and thereby eliminating
the coupling between bond angle vibrational and bond
torsional motion, results in a poor approximation of true
dynamical behavior. A simple harmonic potential is used
to keep an angle formed between three bonded atoms ijk
near its equilibrium value 6%
Vit = CnBin = 0°)° ey

In addition, there is a 3-fold symmetric intrinsic torsional
potential (four-body bonded interaction) Vjx® associated
with skeletal bonds.23

Potential parameters are taken primarily from our
earlier MM work2? and the MD simulations of Sylvester
et al.3 The intrinsic torsion angle potential was assigned
a barrier height of 2.8 kcal/mol. The lengths of the C-H,
C-C, and C-CH; bonds were 1.10, 1.53, and 1.53 A,
respectively.23 Parameters for eq 1 were taken from the
values reported by Sylvester et al. (ref 30, Table I). The
only change in potential parameters relative to previous
MM and MD work was introduced in the van der Waals
radii 0 of the interacting sites. We determined that an
increase in the r, values for C, H, and CH; by 0.04 A,39
which is well within their experimental uncertainty,* was
needed to yield the correct average bulk density of 0.892
g/cm? with our flexible dynamic model of atactic poly-
propylene in the presence of long-range energetics. The
Lennard-Jones potential parameters corresponding to the
adjusted r® values and previously used values for the
atomic polarizabilities and effective numbers of elec-
trons3340 are summarized in Table L

The equations of motion are derived from an exact La-
grangian using Cartesian coordinates of all atoms as the
degrees of freedom, with the incorporation of holonomic
constraints to conserve bond lengths. Our Lagrangian (eq
2), for the microcanonical ensemble, is defined as the

NN
1 .
_ Z 2 Z NB Z tails _ Z BA _
.L = - miri - ‘\IU - "VIU ‘V,-jk
293 23] <) i<G<h

D> Vi (@

i<j<k<l

difference between kinetic (first term) and potential energy
(other terms).4142 Ineq 2, V;;t4il® is summed over all atom
pairs (see Appendix A) while V;NB is summed only over
minimum image nonbonded pairs of atoms. m;is the mass
of atom i. The N, (6x - 2) holonomic equations of
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constraint, one for each constrained bond length between
atoms i and J, take the form

gl=(r,"rj)2‘d12=0 (3)

where d, is the fixed bond length.3” The 3N X N, second-
order differential equations of motion for the molecules
in the system are obtained from eq 2 by*}42

d oL 9L

L i @
dt 8, 9g, Zl s

qr are the degrees of freedom, A, are the Lagrange
undetermined multipliers associated with the constraints
g1, and the summation is taken over the constraints cor-
responding to those atoms (up to four) that are bonded
to atom k. The entire term X} ;A\;Vig; is known as the
constraint force and corresponds to the force applied to
the degree of freedom & so as to satisfy the conditions of
the constraints (eq 3). The \’s are found using the Gauss
principle of least constraint.3” This approach is very
different from other iterative methods, such as SHAKE, 3
which have been commonly used in the past for bonded
systems. The use of bond length constraints and the fact
that our simulations conserve total linear momentum
reduce the total number of independent degrees of freedom
f (originally 3N X N;) by the number of constraints and
by 3, respectively. The correct f is required to determine
the true temperature of the simulation from the kinetic
energy.4®

Polymer glasses are inherently configurationally ar-
rested, characterized by immeasurably small chain self-
diffusivities. An assumption of this work is that local
regions in a polymer glass fluctuate around static model
microstates, as was assumed in earlier MM studies.?? We
obtain most properties of our glassy model film by
arithmetically averaging over many different model mi-
crostates rather than by simulating one structure for a
very long time.

3. The Simulation

The MD computer simulation proceeds through a
multistage strategy. The first stage is the generation of
an initial configuration for all polymer chains in the form
of a static model microstate through MM.? In summary,
this procedure first “grows” several parent chains in a unit
cell by a Monte Carlo scheme and then minimizes the
total potential energy of the model microstate with respect
to all microscopic degrees of freedom. The resulting mi-
crostates satisfy the conditions of detailed mechanical equi-
librium; i.e., they reside in local minima of the potential
energy hypersurface. The reader is referred to ref 2 for
details. Five independently generated static model mi-
crostates were created in this manner and then subjected
to dynamic simulation.

To start the dynamics, velocities are assigned to all
interaction sites in a given static microstate from a
Maxwell-Boltzmann distributiontat—40°C. Next,aseries
of three consecutive MD runs are performed under
different macroscopic constraints to efficiently equilibrate
the microstate. The goal of the first equilibration run is
to partition the kinetic energy among the system degrees
of freedom, while preserving the desired simulation tem-
perature. Thisis accomplished by running the simulation
isothermally for a time duration of 15 ps, using the
extended ensemble approach of Nosé and Hoover.3944-47
The second equilibration run, taking place between ¢t =
15 ps and ¢ = 45 ps, aims at producing a model microstate
with an isotropic stress tensor throughout its middle region,
here defined as the central one-third of the unit cell. The
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desired value of all components of the stress is zero. At
the start of this run we begin to monitor the stress tensor
and one-third its trace (the stress) in the middle region of
the film following the Harasima convention, 29123948 T ,ong-
range contributions to the stress are included (see Ap-
pendix B). The average and variance of the stress tensor
in the middle region are accumulated between t = 15 ps
and t = 19 ps. Once the t = 19 ps mark is past, we start
comparing the instantaneous value of the bulk stress at
each time step to the preaccumulated 4-ps average. As
soon as the instantaneous stress comes within 1 standard
deviation of the average, the three edge lengths of the cell
are adjusted by a Newton-Raphson step*® aimed at driving
the bulk stress to zero. This Newton-Raphson scheme
employs numerically estimated derivatives of the stress
with respect to the cell edge lengths. Upon rescaling the
cell dimensions, all atomic coordinates are subjected to an
affine transformation that leaves the box center invariant.
After the box dimensions have been rescaled, the average
stress accumulators are zeroed and the procedure of
averaging the stress is restarted over a new 4-ps-long
interval, after which the edge lengths are rescaled again.
In all, the cell size is changed five times for each model
microstate. After the fifth rescaling (around ¢t = 35 ps)
the MD continues under isothermal conditions until t =
45 ps. The third equilibration phase is a straightforward
microcanonical MD simulation between ¢ = 45 ps and ¢
= 60 ps. This is followed by the 52-ps-long microcanon-
ical production phase of the simulation, during which all
structural, thermodynamic, and dynamical quantities of
interest apart from conformational isomerization kinetics
are monitored. “Extended ensemble” methods were
avoided during the production phase, since the fictitious
“masses” they require®® (for whose choice no equivocal
physical basis exists) have been shown to affect the
dynamics. The standard deviation of the instantaneous
temperature within a given production phase of a run was
3.93 K, while the average temperature over the five
independent runs was 232.2 £ 4.4 K. The total normal
stress in our films was quite small, a typical value over a
single run being 10 £ 55 atm. (The uncertainty here was
computed by block averaging with a statistical inefficiency
factor of 10, corresponding to a correlation time of 0.1
ps.)*

The equations of motion were integrated by a fifth-
order Gear predictor-corrector method, using only a single
correctorstep.? Avariable, self-adjusting time step method
was implemented, which ensured that the absolute de-
viation between predicted and corrected accelerations was
less than 5 X 107 times the magnitude of the acceleration.
The average time step was 0.4 fs, which is considerably
smaller than in previous n-alkane work (ca. 2 fs).20-29 This
is because our simulation has to follow the high-frequency
vibrational motions of H-C-H bond angles.%

A realistic representation of the dynamics of an aniso-
tropic system demands explicit consideration of long-range
forces. (This is not necessary in more conventional bulk-
phase simulations, as long-range forces there are isotropic.)
A scheme combining accuracy and computational trac-
tability was developed for this purpose. Evaluating the
long-range force on every atom requires a double loop over
all pairs of atoms in the system (not only minimum image
pairs) and is thus very computationally demanding. It
was found that the contribution V' ;*ils makes to the total
force on an atom, while large in magnitude, varies slowly
with simulation time compared to all the other forces. To
avoid excessive computations, and without significant loss
in the conservation of the Hamiltonian, V;%il* was held
constant over periods of 50 time steps and then updated
based on the current positions of all atoms. A related
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scheme for long-range corrections has been proposed
recently by Tuckerman, Berne, and Martyna.’! Numer-
ical error associated with integrating the equations of
motion results in slight violations of the bond length
constraints, which grow slowly in time., This problem was
corrected using the Edberg, Evans, and Morriss bond
length & and velocity ¥ penalty functions (see eqs 12 and
13 of ref 37), which were monitored at each time step and
minimized to 1 X 107!2 for individual chains whenever
their ® or ¥ exceeded 1 X 1078 or 1 X 1077, respectively.
This choice of tolerances ensured that discontinuities in
the Hamiltonian and the total linear momentum brought
about by the restoration of constraints were insignificant.
The above-described algorithmic choices resulted in a
model system Hamiltonian that is conserved to approx-
imately five significant figures during the production phase
of the simulations.

Atomic positions (in the primary unit cell) and velocities
were written to disk every 10 fs during the equilibrated
portion of the MD simulation for postprocessing.* No
volatilization of the polymer occurred over the short-time
duration of the simulations, as would certainly be observed
if our system were a simple fluid.6-12

Allcomputations were performed onthe CRAY Y-MP8/
864 located at the San Diego Supercomputer Center. Codes
are written in FORTRAN and highly vectorized in order
to take advantage of the pipelining capabilities of the
machine. Our MD programs can simulate approximately
2.7 ps of motion per CPU hour.

4. Results

The five individual molecular dynamics simulations
performed provided detailed information on the molec-
ular structure, short-time dynamics, as well as several
thermodynamic properties of the model glassy polymer/
vacuum interface.3® In this paper, emphasis is placed on
spatially resolving the short-time molecular mobility in
the film, characterized through several dynamical quan-
tities. In analyzing our results, we partition each simu-
lation box into 1-A bins normal to the z axis. Findings are
symmetrized with respect to the film midplane passing
through the box center of mass, which thus reflects an
arithmetic average over 10 half-model microstates. This
method of superposing model microstates does not give
special consideration to the fact that our five model films
have somewhat different surface areas, as a result of the
rescaling procedure used betweent = 15 psand ¢t = 45 ps
(see the previous section). The surface area of the five
films was 393.2 £ 2.4 A? (mean + standard deviation), so
neglecting its variation was judged legitimate. The glassy
model films differ substantially from each other in con-
figuration; therefore, the values obtained for the structural
features and dynamical and thermodynamic properties
vary substantially from film to film. The qualitative
behavior of these results, however, is always the same across
all films.

The local mass density profile is shown in Figure 2. In
this figure, as well as those that follow, the film midplane
lies at 2 = 0 A and vacuum is present at the extreme right.
The error bars represent the variance of the mean in each
bin. For comparison, the experimental value of the bulk
density of atactic polypropylene at 40 °C is also indicated,
which agrees favorably with our simulation results for the
bulk region of the film. Note that the bulk density is free
to change in the dynamic simulation. The density profile
at the surface is sigmoidal, as at the vapor/liquid interface
of simple fluids.®12 No evidence for chain layering,
observed in simulations of n-alkanes next to solid
surfaces,13-1827 jg seen. The shape of this profile suggests
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Figure 2. Local mass density distribution at a glassy atactic
polypropylene/vacuum interface. The experimental bulk density
is indicated by the dashed line. The short-time dynamical
characteristics of the model film are spatially resolved by
analyzing the results of the simulation separately in each one of
five representative regions, ranging from “bulk” to “free surface”.
The five regions are defined by the tick marks indicated at the
top of the figure.

an interfacial thickness of roughly 7 A, in excellent
agreement with the prediction from our previous MM
study.? The slight maximum present in the molecular
mechanics results (see Figure 5 of ref 2) is most probably
a vestige of the initial guess generation procedure and
goes away here when thermal motion is introduced. The
profile obtained from MD provides a more accurate
representation of reality. All other structural features,
such as bond orientation, chain shape, and overall ori-
entation, agree completely between these MD calculations
and our earlier much less computationally demanding MM
simulations and are not repeated here.

The spatial dependence of short-time mobility in the
model film is analyzed by partitioning the microstates
into five representative regions on each side of the mid-
plane, as defined by the tick marks at the top of Figure
2. The four inner regions, which start at z = 0 A and are
each 6.5 A thick, are characterized by a density that is
indistinguishable from that of the bulk polymer. The
outermost region, which starts at z = 26 A, encompasses
the entire remaining interfacial region. Local mobility
has been characterized in each of these regions by
accumulating several time autocorrelation functions as
well as mean-squared displacements of atoms, chain
centers of mass, and mean-squared angular displacements
of torsion angles. To avoid processing highly correlated
information, and at the same time take full advantage of
the relatively limited degree of molecular motion present
in our model glass, time origins in the computation of the
time correlation functions* were chosen every 0.5 ps.
Resolving the mean-squared displacements and autocor-
relation functions spatially is accomplished by assigning
each piece of dynamical information analyzed to one of
the above-mentioned five regions of the film based on
where the z coordinate of the atom (bond center, chain
center of mass) resides at the time origin. At large time
separations there is a chance for the atoms (bonds, centers
of mass) to leave the bin to which they were assigned at
the time origin. Given the low mobility of glassy polymers
and the short time scales analyzed here, this possibility
does not pose any serious problems.

One aspect of dynamics we investigated was the dis-
placement of individual atoms and methyl groups on the
chain. Given the frozen-in structure of glassy polymers,
the short-time features of this motion cannot be associated
with a chain self-diffusion, which is immeasurably slow in
the glass. The picture we envision is one of atoms rattling
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Figure 3. Mean-squared displacement of all atoms in the five
representative regions of the model film indicated in Figure 2,
as a function of time (eq 5). Any motion resulting from overall
chain migration has been removed by subtracting from each
atomic displacement the displacement of the center of mass of
the chain to which it belongs.

within small pockets of local free volume, with little chance
of long-range motion (escape). One can characterize the
fluctuation in chain shape resulting from suchlocal motions
by examining the displacement of atoms relative to the
center of mass of the chain to which they belong. The
mean-squared displacement relative to the chain center
of mass is

1 3 M
(I8:(t) - 8,(0)*)y = FZ > {1748 - com, o(6)] -

pa=1 i=1
[7,,4(0) = com; ,(0)]}* (5)

Ineq 5, o stands for a coordinate direction, r; , denotes the
a~component of the position vector of atom i, and com;,
stands for the a-component of the center of mass position
of the chain towhich atom i belongs. Ny isthe total number
of atoms assigned to the considered bin. The quantity
(|si(t) — 8;(0)] )y is presented in Figure 3 for each of the five
different regions of the film. The three middle regions (z
<19.54,labeled “bulk”) behave identically, which suggests
that the middle region of the film is indistinguishable from
bulk polymer as far as the dynamics of chain distortion
are concerned. In addition, the long-time limiting slope
of these curves is small, suggesting the absence of any
long-range atomic diffusion. A significant enhancement
in atomic mobility, compared to the glassy bulk, is observed
in the two curves corresponding to the top two regions of
the polymer. Thisimportant finding from Figure 3 implies
that the motion of atoms around chain centers of mass
does not reach its asymptotic bulk limit until one is
approximately 15 A from the extreme edge of the film.
This thickness is by a factor of 2 larger than the distance
over which the density, shown in Figure 2, departs from
its bulk value. At the surface, the enhanced atomic
mobility is a consequence of the lower density prevailing
there. Apparently, the connectivity of chain segments
enables this enhanced atomic-level mobility to propagate
for some distance into the bulk. Chains that are exposed
to the anisotropic surface region transmit dynamical
information into the underlying polymer, even though the
density there is indistinguishable from that of the glassy
bulk. Theindividual components of (|s;(t) - s;(0)|)» behave
isotropically.3®

The orientational relaxation of backbone carbon~carbon
bonds was also analyzed by assigning a unit vector b; along
each C-C bond as well as a second unit vector d; that is
normal to each pair of adjacent skeletal bonds, originat-
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Bond Autocorrelation Function
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Figure 4. Time autocorrelation function of backbone bond
vectors at different locations within themodel film. Pj(t;b;) stands
for the second-order Legendre polynomial of the first kind with
argument b;(0)-b;(¢), where b; is a unit vector along a backbone
bond of a polymer chain. The result in each region has been
averaged over all bonds whose midpoint lies within the region
and over all model films simulated.

ing at their common C atom.
b = i1~ I
T 71
- bisy X b, ©
ls'+1 X B;I

g

d; is referred to as the out-of-plane vector by Weber and
Helfand.52 Wefollow the time evolution of these two types
of vectors by constructing time autocorrelation functions
in terms of the first (P;) and second order (P;) Legendre
polynomials of the first kind

P,(t;%;) = cos B
Py(£:0) = 313 cos? 6~ 1] Y

where 0; is equal to b; or d;. In eq 7, cos 8 is calculated
from @; by

CcOo8 6 = ﬂ‘(t)'ﬁl(o) (8)

Py(t;0;) and Py(¢; ;) give a sense of the rate at which bonds
lose memory of their orientation through thermal motion.
By definition, P;(0;0;) = 1 whereas lim;~.. P)(¢;8;) = 0
(where | = 1,2). The local Py(t;b;) is presented in Figure
4, averaged over all backbone bonds in a given bin. We
do not see a full decay to zero for this property within the
time scales studied in this work. This is expected, since
Brownian dynamics simulations of an infinite molecular
weight polymer solution, in which the overall molecular
mobility is much larger than that in the glassy polymers
studied here, have predicted the relaxation time of
Py(t;b;) to be longer than 1000 ps.52 However, we can still
examine differences in short-time mobility resulting from
the presence of interfaces. InFigure 4, we find that bonds
located near the free surface lose memory of their
orientation significantly faster than those situated in the
bulk. The local reorientational tendencies of the out-of-
plane vectors are shown in Figure 5, represented in terms
of the autocorrelation function P;(t;d;). From these two
figures, as well as from an analysis of the spatial depen-
dence of Py(¢t;h;) (result not shown), we conclude that
there is increased bond mobility at the surface compared
tothe bulk. The three regionsin the film which are farthest
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Figure 5. Spatial dependence of the time autocorrelation
function for the out-of-plane vectors. P;(t;d;) stands for the first-
order Legendre polynomial of the first kind with argument
d;(0)-di(t). It measures the directional change of the d; vectors,
which are unit vectors normal to neighboring pairs of backbone
bonds, as shown in the inset.

Table II
Spatial Dependence of Bond Relaxation Times

bin range, A 71, P8 72, PS /1o
1 0-6.5 1208 468 2.58
2 6.5-13 1068 458 2.33
3 13-19.5 1119 418 2.68
4 19.5-26 776 303 2.56
5 26 — 729 304 2.40

from the vacuum phase exhibit identical dynamical
behavior. From this result we conclude that reorienta-
tional motion becomes bulklike for bonds located ap-
proximately 15 A from the edge of the film, the same
distance arrived at through our earlier analysis of atomic
mean-squared displacements. In all regions of the film,
P,(t;d;) was found to decay faster than Py(¢;b;). This is
because, for significant motion of a single b; to occur, there
must be rearrangement of a number of the nearby bonds,
which is highly hindered in the glass. On the contrary,
bonds can rock back and forth slightly without relying on
a significant amount of local cooperativity.

Bond relaxation has been fit to an empirical Williams-
Watts expression5?

P/(t;0,) = exp[-(¢/7)"] 9)

where 7; is the relaxation time of the [-order Legendre
polynomial, and § is a factor accounting for deviation from
Debye behavior. The short duration of our simulations
does not permit accurate assessment of 8, so it was set to
unity. For the bulk region of the film (i.e., middle three
bins), we calculated r; = 1132 + 71 ps and 75 = 448 + 27
ps for &; = b; by finding the limiting slopes of In (P;) and
In (P;) versus time between 10 and 45 ps. These values
can only be viewed as semiquantitative, due to the short
time scales over which they were obtained and the limited
number of independent model microstates involved. The
Debye model predicts the ratio of 71/ to be equal to 3
for purely isotropic tumbling motion. Our ratio is lower,
around 2.5. This agrees qualitatively with the values of
2.6 obtained from the n-octane MD simulations of We-
ber® and 2.2 from the polyethylene MD work of Takeuchi
and Roe (based on out-of-plane vectors),? both reported
at 27 °C. Spatially resolved bond relaxation times are
summarized in Table II. The 7, and 75 relaxation times
of bonds in bin 5, labeled “free surface” on the figures, are
by approximately 50% shorter than those in the corre-
sponding bulk, while their ratio remains virtually un-
changed. Note that the bond relaxation times reported

Macromolecules, Vol. 24, No. 28, 1991

Total Mean—Squared Chain Center of Mass Displacement

. o o o
~ = 0-6.5A - 65-13A—— 13-19.5A  19.5-26 A — 26— A

84 R . . "

~ +

ot :

~ 1

<87 A

= . Free Surface /

‘E' +

8 ‘“{

<

=

= 2 : -

£ / -

S / i

R O SR —::—’;”’T—J:‘\'/

T fEEEEEEEE oo Bk

0 10 20 30 40 50 60
Time (ps)

Figure 6. Total mean-squared displacement of chain centers of
mass at various positions in the film. The film is partitioned
into five regions or bins, asshown in Figure 2. Chains are assigned
to the bin in which the z component of their center of mass
resides. The free surface curve incorporates contributions from
only four chains and is thus not as smooth as the rest of the data.

here are estimated from the near-linear regions of the time
autocorrelation functions and that these same regions
would probably show some remnants of initial short-time
dynamical behavior if longer MD simulations were per-
formed. This would have an effect of prolonging the
relaxation times reported in Table II.

Dynamical behavior at a length scale associated with
the overall chain motion has been examined by monitoring
the mean-squared displacements of the chain centers of
mass (Figure 6). Much longer MD runs would be required
tosafely calculate chain self-diffusivities from the limiting
slopes of such plots; useful insight, however, can still be
gained from a short-time analysis. The region closest to
the midplane displays virtually no mobility, reflecting the
truly locked in structure of a glassy polymer. The overall
displacement of chains whose centers of mass are located
in the free surface region is significantly enhanced
compared to the bulk. (The error here is relatively large
because only four chains contributed to the data.) This
enhanced chain mobility, which becomes suppressed as
one moves toward the bulk, appears to persist for about
30 A (i.e., two to three (s2)¢!/2) from the edge of the film,
which is much larger than the 15-A-thick region where we
observed enhanced atomic and bond mobilities. Notethat
our chains are long enough to span the entire film thickness
(end-to-end distance in the all-trans conformation = 66
A). Anotherinteresting resultis that surface chains exhibit
highly anisotropic center of mass motion, with displace-
ments parallel to the surface being much greater than those
normal to it. This result is consistent with the findings
of an MD simulation of a simple liquid /vapor interface,?
which were attributed to the anisotropic nature of the
potential field exerted by neighboring molecules. This
anisotropic motion can be clearly seen in Figure 7, where
we display a yz projection of the 52-ps-long time trajectories
of the 12 chain centers of mass located in a single model
film. This motion slowly becomes more isotropic as the
center of the film is approached, as indicated by the roughly
spherical shape of trajectories near z = 0 A. Chains with
highly anisotropic motion, such as the one indicated by an
arrow in Figure 7 (and shown more clearly in Figure 8),
have a significant number of their segments in the surface
region and are oriented such that their longest dimension
isparallel to the surface. The anisotropic nature of center
of mass motion persists for two to three unperturbed radii
of gyration from the surface.

We now turn to dynamical characteristics associated
with torsion angles. The features of interest explored in
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Figure 7. Chain center of mass trajectories in a single model
microstate as obtained from a 52-ps-long MD production run.
The projection of the center of mass trajectory onto the yz plane
is shown for all 12 polymer chains contained in the chosen mi-
crostate. Dotted lines denote the regions over which the averages
in Figure 6 were accumulated (compare regions in Figure 2). The
anisotropic motion of chains located near the free surface is clearly
demonstrated by the chain indicated with an arrow.

%?

|
|

<
6199 A

2000 A

20.00 A

Figure 8. Conformation of a polymer chain that has its center
of mass very near the edge of the polymer film. This chain is
indicated with an arrowin Figure 7. All other surrounding chains
have been removed, and the coordinates of the chain in question
have been unfolded from the unit cell, for clarity.

this work include the following: (1) the distribution among
conformational states; (2) the frequency and amplitude of
torsion angle fluctuations within a given conformational
state; (3) the rate of conformational transitions; (4) the
mobility of torsion angles as a function of position along
the backbone.

Each polymer chain used in this work has 2x - 2 = 50
rotatable torsion (dihedral) angles. For consistency with
our previous MM work,23 we have numbered these angles
along the chain as ¢2 to ¢51. The normalized equilibrium
probability density of all angles in the film is shown in
Figure9. The assignment of angles follows the conventions
of Theodorou, Suter, and Flory.336 Perturbations in this
distribution from the corresponding distribution of the
bulk polymer, as a consequence of the presence of the two
interfacial regions, have been shown to be mild (compare
Figure 7 of ref 2). Therefore, Figure 9 represents the
distribution of conformations in a bulk polymer and agrees
well with previous MM work on bulk atactic polypropy-
lene at the same temperature (compare Figure 6 of ref 3).
The distribution obtained from MD is much smoother,
however, due to the fact that we incorporate flexible bond
angles and average over many more independent polymer
configurations. The Suter and Flory RIS model3536
considers five rotational states for this polymer, located
at -115° (g), 15° (t), 50° (t*), 70° (g*), and 105° (g). We
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Figure9. Distribution of skeletal bond torsion angles throughout
the film. This result is practically identical to that seen in the
bulk glassy polymer.® The dotted lines represent the locations
of the potential energy barriers used in defining conformational
states.

Torsion Angle Fluctuation Along Chain
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Figure 10. Standard deviation in torsion angles over 52 ps of
simulation as a function of position along the backbone of the
chain. ¢, and ¢z lie closest to the chain ends. The dashed line
represents the average fluctuation for ¢;; through ¢,2.

can clearly discern three of these states in Figure 9, namely
g, t,and g. The g* state appears as a shoulder peak to g,
whereas the t* state is completely merged with t, giving
rise to a skewness in the t peak. Our earlier MM work also
showed some deviations between the locations and pop-
ulations of torsional states and those predicted by the
RIS method.?

The amplitude of torsion angle fluctuations was analyzed
during the 52-ps production runs. The fluctuation of
torsion angles was studied as a function of position along
the chain. The variance of each ¢; was calculated
individually and averaged over all chains in all five films.
This resulted in a set of 50 variances (for { = 2-51), which
were reduced to 25 by averaging over torsion angle pairs
that reside at equal distances from the central segment of
the chains. The standard deviation of torsion angles
symmetrized in this way, (6¢;2)1/2, is displayed in Figure
10. The broken line represents the average standard
deviation over the interior angles ¢;; through ¢4. Clearly,
the four or five torsion angles located near the ends of a
chain are more mobile than interior angles. Turning a
bond requires less cooperative motion near a chain end
than near the middle of the chain. The same tendency for
enhanced end mobility was detected in all regions of the
film within the error of the simulation.

The rate of change in torsion angles has been examined
by analyzing mean-squared angular displacements as a
function of time. Mean-squared angular displacements
are defined in a manner analogous to mean-squared
displacements of centers of mass, discussed above. The
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Figure 11. Mean-squared angular displacement of torsion angles

with time in the glassy polymer film. The solid line shows the

total mean-squared displacement and is heavily influenced by

conformational transitions. The dashed line accounts only for

angles that have not undergone a conformational transition during
averaging. See text for details.

result, averaged over all ¢;'s in all systems, is presented
in Figure 11 as a solid line. The mean-squared angular
displacement quickly (in less than 10 ps) assumes a linear
dependence on time which suggests that the way torsion
angles change within the glass resembles a random-walk
process. A similar linear behavior at long times has been
detected in a MD simulation performed on liquid hexane
by Clarke and Brown.5 Inthat work, however, the mean-
squared displacements of torsion angles exhibited a
damped oscillatory behavior for times less than 1 ps, which
is not observed in our system. Apparently, the torsional
motionin our glassy polymer is almost completely chaotic,
even for very short times. At very long times (i.e., several
orders of magnitude longer than the times studied here)
one expects the slope of the mean-squared angular
displacement to asymptotically approach zero due to the
fact that g < g conformational transitions are virtually
impossible. The mean-squared displacement of the torsion
angles has also been analyzed spatially throughout the
films, in the same five representative regions used pre-
viously. We observe virtually no systematic variation in
this property as a function of position in the film. This
method of characterizing bond angle motion is dominated
by the few conformational transitions occurring in the
glassy polymer, such as the t <> g transition shown in Figure
12. In other words, when a torsion angle ¢; undergoes a
conformational transition during the interval ¢, |¢;(0) —
#i(t)|> becomes very large. Just a few such transitions in
a given region of the film can then significantly affect the
slope of the mean-squared angular displacement (solid
line in Figure 11) calculated for this region. Given the
infrequent nature of conformational transitions (see
below), any dynamical feature that is highly sensitive to
them cannot be spatially resolved over a 52-ps-long run.

One can remove this dependence of the mean-squared
displacement of torsion angles on conformational tran-
sitions by focusing selectively on those angles which are
not involved in such transitions. The resulting mean-
squared angular displacement reflects the torsional dif-
fusion of angles within potential energy wells, rather than
the process of overcoming torsional barriers. To study
torsion angle motion in this way, we removed from the
sampling all ¢;’s which crossed the peaks of the potential
energy barriers (see Figure 12) separating different con-
formational states at any time. In defining conforma-
tional transitions, only three states were considered, g, t,
and g; the barriers separating these states were taken at
-50° and +59°, respectively (see Figure 9). No direct
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Figure 12. Evolution of the torsion angle for two skeletal bonds
in one of the model systems simulated by MD. The potential
energy barrier separating the t and g states is located at 59°
(dotted line). One of the angles underwent a successful t — g
transition at 90 ps. The other angle attempted a transition at
20 ps but quickly recrossed back into the t state.
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Figure 13. Spatial dependence of the mean-squared displace-
ments of torsion angles in the model glassy polymer film. This
result has only been averaged over those torsion angles which did
not attempt or accomplish a conformational transition during
the averaging (compare dotted curve on Figure 11).

<> g transitions were observed in any of the simulations,
so consideration of a barrier between these two states is
not necessary. Through this selection, our sample size
was only reduced to 486.6 £ 10.1 ¢;'s out of a total of 600
for a typical 52-ps-long run. The result for all angles is
displayed in Figure 13 as a broken line. As expected, the
long-time slope of this line is much lower than that of the
continuous line on the same plot. This dynamical feature
is resolved spatially over the different regions of the film
in Figure 13 for times up to 10 ps. At 5 ps, the mean-
squared displacement of the ¢;’s located closest to the
vacuum phase is by 19% larger than that of ¢;’s in the
center of the film. In addition, the three regions in the
middle of the film are found to behave identically,
indicating that the enhanced torsional motion at the
surface persists for approximately 15 A into the film.
The last dynamical aspect explored in our model glassy
atactic polypropylene film was the rate and mechanism
of conformational transitions. These radical changes in
torsion angles across torsional barriers have been studied
in detail for low molecular weight liquid n-alkanes, such
as butane, by molecular dynamics and transition state
theory based calculations.?##0 The typical rate constant
for conformational transitions in liquid butane at room
temperature is approximately 65.0 ns™! (i.e., on average
each angle undergoes a transition roughly every 15
ps).545960 Randomly coiling polymers exhibit much lower
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conformational transition rates, which have been inves-
tigated by Brownian dynamics5261-64 and in the recent
MD work by Takeuchi and Roe.5® In order to accumulate
more meaningful information, we continued the MD
simulation on one of the five model microstates for an
additional 348 ps. This provided a 400-ps-long trajectory
for conformational transition analysis. Results from this
trajectory, although still relatively short on the time scales
of interest and only representative of one glassy microstate,
provided qualitative insight into the mechanism and rate
of conformational transitions in glassy polymers.

Conformational transition rates have been calculated
from computer simulations by several methods. Helfand,
Wasserman, and Weber525461.62 have compiled first passage
times and constructed hazard plots. Othershave examined
the decay of autocorrelation functions,525%60 although these
methods have been shown to require much longer simu-
lation runs (by an order of magnitude) than hazard
analyses.’2 Recently Brown and Clarke® calculated these
rates from dihedral angle velocities. Here we estimate
the overall conformational transition rate in two ways, by
simply counting the number of successful transitions and
by constructing a hazard plot.

The picture here is one of each torsion angle predom-
inantly fluctuating in a given conformational state, and
infrequently hopping to another state. Such hops are
hindered by potential energy barriers, which in multi-
chain systems arise from intramolecular and intermolec-
ular interactions. We monitor successful transitions, as
did Weber and Helfand,52546162 by considering a transition
of a torsion angle { to be complete only when ¢; has
surmounted the peak of the potential energy barrier
separating the two conformational states and reached the
potential well bottom of the new state. Again we only
consider a three-state model of the polymer (g, t, g; see
Figure 9). Transitions are located by examining every
system configuration written to disk (one configuration
every 10 fs), so that the fraction of missed transitions is
small. This method of locating transitions, referred to as
calculating first passage times, will still not completely
account for all angles that recross the potential energy
barriers; it is a significant improvement, however, over
assuming that a transition takes place whenever a ¢;
reaches the peak of the potential energy barrier. For
example, 33 071 crossing of the barrier peak occurred
during our 400-ps-long run, while only NBC = 242 of these
crossings succeeded in reaching the well bottom of the
new conformational state. Still, approximately 60% of
the angles contributing to NBC recrossed the same potential
barrier during some later time in the simulation. An
estimate of the overall rate, kBC, of well-to-well passages
for our glassy polymer has been calculated by?35:56.60

kB¢ = NBC/N t.o (10)

where N, = 600 torsion angles and ¢y, is 0.400 ns. Using
eq 10, we calculate kBC = 1.01 ns™! for this particular mi-
crostate of glassy atactic polypropylene at 233 K (which
is an upper estimate due to the neglect of dynamical re-
crossing events, occurring when the torsion angle does not
completely thermalize in the destination state). This kBC
is approximately by a factor of 60 smaller than that of
liquid butane at 300 K. Unfortunately, the simulation
was not long enough to resolve kBC spatially. Conforma-
tional transition rates have been determined for individual
¢i’s. The result for all 600 torsion angles, together with
theaverage kBCvalue, is presented in Figure 14. Individual
angle transition rates range from zero to values almost as
large as that encountered in n-butane at 300 K.5459.60 It
is evident that dihedral angles with nonzero transition
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Figure 14. Individual conformational transition {(well-to-well
passage) rates for all torsion angles, calculated from a 400-ps-
long MD simulation. The numbering convention used is such
that angles 1-50 correspond to the first chain, 51-100 to the
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Figure 15. Spatial distribution of conformational transitions
during a 400-ps-long MD run. Transitions are counted only when
the minimum of the new state’s potential energy well is reached.
Each sphere corresponds to a C-C bond around which the
transition has occurred and has a diameter equivalent to the
C-C bond length (1.53 A).

rates are grouped together along chains, implying some
same-chain cooperatively in this type of motion. This
finding is in qualitative agreement with the Brownian
dynamics simulations of Helfand et al.526162 and the MD
simulations of Takeuchi and Roe,®5 which showed high
cooperativity between second-neighbor angles with the
angle in-between in a trans state.

The coordinates of all bonds involved in the NBC con-
formational transitions are plotted in Figure 15. Each
sphere in this figure has a diameter equal to the C-C bond
length and is centered at the center of the C-C bond at
the new conformational state. In liquids and polymer
melts, each torsion angle is equally susceptible to con-
formational transition (apart from deviations near chain
ends). A different picture is conveyed by Figure 15 for
the polymer glass. Here, approximately 90% of the spheres
touch other spheres, forming clusters of high local mobility
(“soft spots”) separated by large, essentially transition-
free (“stiff”) regions. Some of the clustering results from
the fact that the tendency to conformationally isomerize
is correlated along the same chain (see Figure 14). In
addition, strong intermolecular correlations between neigh-
boring chains are observed in the soft spots. At the tem-
perature of the simulation, soft spots do not percolate
through the system; rather, there is a continuum of stiff



6292 Mansfield and Theodorou

regions, in which conformational isomerization is inhibited
by intermolecular packing effects.

A way of calculating the rate of conformational tran-
sitions which is perhaps more illuminating than the simple
counting of eq 10 is the construction of hazard plots. The
application of this technique to conformational isomer-
ization in polymers is described in ref 62. The hazard rate
h(t) is defined such that h(t) d¢ is the probability that a
bond, which has not had a transition in a time ¢ since its
last transition, undergoes a transition (first passage)
between t and ¢t + dt. In other words, h(t) is the
instantaneous rate of first passages at time ¢.6566 For un-
correlated first passage times (Poisson process) this rate
isaconstant, \. The cumulative hazard function is defined
as

H(t) = j;‘h(t') dar (11)

For a Poisson process, H(t) becomes At and a plot of H(t)
versus ¢ is linear. Such behavior has been seen at long
times in Brownian dynamics simulations of polymer coils
in solution.’2 Note, that the rate A calculated from the
long-time behavior of H(t) is corrected for dynamical re-
crossing events, i.e., counts only transitions for which the
bond has thermalized in the destination state. The
cumulative distribution function P(¢) defines the prob-
ability that a transition will occur in a time less than ¢
since the last transition:

P(t) =1 - H® (12)

P(t) is, of course, zero at t = 0 and approaches unity with
increasing time. In our hazard plot construction, we have
accounted for all angles that did not contribute a first
passage time over the run by multiply censoring®6” our
data. As is evident from Figure 14, 84.5% of the torsion
angles did not undergo a transition during this simulation.
Failure to take these into account would lead to the
prediction of isomerization rates associated only with the
mobile torsion angles, and not an overall rate. Here we
censor the data associated with three characteristic times:
(1) the times until the first transition of each angle since
the beginning of the simulation production run (removal
of first transitions);82 (2) the entire simulation time for
those angles which never underwent a transition; (3) the
time between the last transition of each angle and the end
of the run. The hazard plot is constructed by first
arranging all time data (n values) in ascending order,
including data that have been censored. The cumulative
hazard corresponding to the mth time entry is then
calculated from

_ Z 1
H = _— 13
m ; n+1-1 (13)
where m < n. The summation in eq 13 takes place only
over the uncensored data (see ref 67 for further details).
Results are shown in Figure 16. The curved portion at
short times is indicative of torsion angles which do not
thermalize in the new conformational state and recross to
their original states. The behavior at longer times is also
nonlinear, suggesting that the underlying process whereby
conformational transitions occur in the glass cannot be
modeled as a Poisson process, as is the case for liquids and
polymer melts. A physical reason for this could be that
torsion angles in the stiff or locked-in regions of the glass
are intrinsically much less susceptible to conformational
isomerization than torsion angles within the soft spots.
The curved nature of H(t) implies that the instantaneous
h(t) is a not constant but rather a decreasing function of
time. One can roughly divide the H(t) plot into three
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Figure 16. Hazard plot of first passage times for conforma-
tional transitions in a glassy polymer film. The cumulative hazard
H(t) is defined in eq 11 and calculated through eq 13. All torsion
angles which do not undergo a conformational transition during
the simulation are multiply censored (see text for details). For
a Poisson process, the hazard plot would be a straight line.

regions. In the first one (¢t < 30 ps) the rate is strongly
affected by fast recrossings of the barriers by bonds which
have not completely thermalized in their destination state.
The second one (30 ps < ¢ < 100 ps), with a slope of roughly
0.66 ns™, reflects the rate of conformational transitions of
bonds in the mobile regions of the polymer glass. The
third region (¢t > 100 ps) is strongly affected by bonds in
the stiff domains of the polymer glass (compare Figure
15). The slope calculated from H(t) between times of 150
and 350 ps is A = 0.054 ns”1. This limiting value of A, as
expected, is much lower than the value of £BC calculated
by simple transition counting (eq 10), since now highly
mobile angles undergoing frequent transitions and recro-
ssings are not contributing. Of course, it would take much
longer simulations to establish whether the H(t) plot
becomes linear at long times for a polymer glass and to
extract a conclusive rate constant A for the process of con-
formational transitions.

5. Summary and Conclusions

Detailed molecular dynamics simulations have been
performed on a free surface of glassy atactic polypropy-
lene. An efficient equilibration strategy utilizing consec-
utive MD runs in different ensembles was employed to
produce model microstates at the desired temperature and
pressure that have isotropic stress tensors in their middle
regions. Information on the structure and dynamics has
been accumulated in the microcanonical ensemble from
five 52-ps-long production runs on independently gener-
ated model films.

Structural features have been compared with earlier
molecular mechanics work? on the same model system.
Both simulations predict a sigmoidal density profile at
the surface, which decays over a roughly 7-A-thick region.
The profile obtained through MD is slightly smoother. All
other structural features are in quantitative agreement
between the two methods. MM and MD require signif-
icantly different amounts of computational resources,
however. For example, 20 static model microstates can
be generated by MM in the time it takes to simulate the
time evolution of a single glassy polymer configuration for
50 ps by MD.

Several dynamical properties of the model glassy
polymer film have been examined. The atomic mobility
is very low in the middle (bulk) region of the film. Atoms
there remain virtually trapped in a frozen environment,
only able toundergo very small scale motion. The presence
of a polymer/vacuum boundary can significantly alter this
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mobility. Enhancements in the mean-squared displace-
ment of the atoms relative to the chain center of mass, in
the rate of backbone bond orientational relaxation, and
in the torsional diffusion of dihedral angles within
rotational states were observed at the surface region
compared to the bulk polymer. In many respects the free
surface of our model glassy polymer behaves dynamically
as a polymer melt. The above measures of local atomic
mobility indicate that bulk glassy dynamical behavior is
only exhibited by polymer located more than 15 A from
the extreme edge of the film. This “dynamical” measure
of the interfacial thickness is approximately twice as large
as the “static” thickness estimated on the basis of the
density profile. The difference is explained by the fact
that segments exposed to the attenuated surface region
transmit dynamical information through bonds into the
underlying layers of the polymer.

Chain center of mass motion has also been examined.
Over the duration of the simulation the chains are very
sluggish, as expected. Chains located a distance of less
than 2-3 times the unperturbed radius of gyration (20-30
A) from the extreme edge of the film are more mobile than
those in the bulk. Thus one can define a third interfacial
thickness based on the overall motion of chains, which is
even larger than the dynamical thickness determined from
atomic and bond motion. Clearly, interfacial thickness
depends on the method of characterization employed, and
this may have important implications for experimental
measurements in this area. The motion of chain centers
of mass located near the surface is highly anisotropic, being
much more pronounced parallel than perpendicular to the
free surface.

A final dynamical property examined was the rate of
conformational transitions over a single 400-ps-long pro-
duction run. We found our glassy film to possess local
regions with liquidlike isomerization rates (soft spots) and
stiff regions where conformational transitions were severely
inhibited. Thisisin contrast towhat happensina polymer
melt, where conformational transitions occur with equal
probability throughout the polymer. The underlying
mechanism of transitions has been examined through
hazard analysis. This analysis indicates that conforma-
tional isomerization in glassy polymers cannot be viewed
as a Poisson process. The observed transitions tend to be
correlated between torsion angles on the same chain
(particularly second-neighbor angles), as well as between
angles on different chains but situated in the same vicinity
of the glass. The overall rate of first passages between
minima of the torsional potential in glassy atactic poly-
propylene at —40 °C (from eq 10) was found to be ~1 ns™L.
The effect of the presence of interfaces on this rate has
not been quantitatively established.
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Appendix A. Derivation of Long-Range Polymer/
Polymer Interatomic Interaction Potential for
Nonuniform Density Profiles

The short-range contribution to polymer/polymer in-
teractions in our model film is accounted for by 3_;;V;;NB
in eq 2, an explicit sum over all minimum image site pairs
ij. ‘VUNB is a modification of /17 that has been truncated
and smoothed to zero between Ry ; and Ry, by use of a
quintic spline.® To account for the cohesive forces within
the polymer film, we must include the long-range “tail”
contribution as well.8 This contribution corrects for
interactions which have been represented by the spline
part of V;;NB, rather than the full ¥;%J; in addition, it
includes all atoms out to infinite distances which had no
contribution to V;NB. Failure to consider tails when
integrating the equations of motion would lead to a
decrease in the bulk density and an artificial distortion of
the surface density profile. For the calculation to be self-
consistent, the tail contribution must be obtained from
the actual configuration of the model microstate, which
fluctuates during the MD run.

Consider an atom pair ij in the unit cell and the long-
range contribution from this pair to the potential energy
V;itelsin eq 2. We need to calculate the long-range energy
that atom i experiences directly from all images of j,
including the minimum image:

cvijtal]s = (r,vUILJ _ cvij’NB) (A.l)
J',all images of J
To do this we “smear” all images of j in two dimensions
parallel to the xy plane within a slice of thickness . The
atomic density in the slice is 2/ad, where g is the total
surface area on both sides. The long-range energy due to
the pair ij is

v ol = o tal(r =R iry=R,) + V[ 2B(r =R iry=)

(A.2)

lj’

where

tailse Ly = fzjﬂ j‘ﬂz
Vi *ryrg) y dz mpdp

In eq A.3, p is the radial distance of the smeared images
of j from the projection of i on their plane, p; = {max ([r;?
"(rjz rtz)2] 0) }1/2 p2 = {max ( [7'22 (rjz_rtz) 1,0)}*/2,and
Vif(r) = V;9(r) - V;;NB(r). The symbols r; and r; stand
for two distances such that ro > r;. A pictorial represen-
tation of these quantities is given in Figure 16 of ref 2.

With our frame of reference, V%2l only contributes to
the z component of the forces on atom i. In other words,

Ftails = ptails — o and

2r 2
LAV (A

i5,x U,y
tails
tails o _ OVy ™ Tig = Tja (A.4)
el dr,—ry] |r;— x|

The tail contribution to the diagonal elements of the stress
tensor is derived by envisioning that all atom coordinates
are scaled by the cell axes and using the analysis of Nosé

and Klein®®
tails
lails = e (Z‘W” > (A5)
' hihohs VS Oh,

The result for « = x or y is

<_Z¢vijtails>

T:‘l;ls = s (A.8)
hyhohs
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(- Z ljlls(rll-.rjz)>

Tl = (A7)
hihshg

Equations A.6 and A.7 agree exactly with our previously
derived result from direct integration.?

and

Appendix B, Alternative Expression for Stress
Which Includes Long-Range Interactions

Recently we reported a new formulation for the internal
stress tensor cast in terms of nonbonded interchain forces
only.?2 Here we extend thisidea to include long-range “tail”
contributions to the stress for a system whose surface is
exposed to vacuum (i.e., subject to a normal stress of zero).
We start with eq F.1 of ref 2:

T ¥ -

= —< PIADIN i I
zebox JEbox

1€box jEbox
FidmnF ) (B.1)

min* ij,a

The sums are taken over all pairs {,jmin(i) which belong to
different images of the same parent chain or correspond
to completely different parent chains. V in this case is

simply hihohs, and r , stands for the a- component of the
position vector of the | parent chain image of atom ;. Only
the diagonal elements of the stress tensor have long-range
contributions. We have extended eq B.1 so as to include
all i images of j and found the rfsult to be%

talls_v {Z L}aD__(Z Z:(r“1

zEbox jEbox LEbOX JjEbox

rIFE) (B.2)
Given that there is no total long-range contribution to the
force in the x or y directions, as discussed in Appendix A,
we can drop the first term of eq B.2 for « = x or y. The
second term incorporates the tail contribution to stress in
these two directions. While the tail contribution to the
force in the 2 dlrectlon is nonzero, we note that r;, — ),
isequal to r r z, due to the fact that there is no periodic
contmuatlon in this direction. Consequently, the two
terms in eq B.2 cancel and offer no tail contribution to 7,,.
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